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The irradiation of metals by energetic particles causes signifi-
cant degradation of the mechanical properties1,2, most notably
an increased yield stress and decreased ductility, often accom-
panied by plastic flow localization. Such effects limit the life-
time of pressure vessels in nuclear power plants3, and constrain
the choice of materials for fusion-based alternative energy
sources4. Although these phenomena have been known for
many years1, the underlying fundamental mechanisms and
their relation to the irradiation field have not been clearly
demonstrated. Here we use three-dimensional multiscale simu-
lations of irradiated metals to reveal the mechanisms under-
lying plastic flow localization in defect-free channels. We
observe dislocation pinning by irradiation-induced clusters of
defects, subsequent unpinning as defects are absorbed by the
dislocations, and cross-slip of the latter as the stress is increased.
The width of the plastic flow channels is limited by the interaction
among opposing dislocation dipole segments and the remaining
defect clusters.

The microstructure of irradiated materials evolves over a
wide range of length and time scales, making radiation damage
an inherently multiscale phenomenon. At the shortest scales

(nanometres and picoseconds), recoil-induced cascades of energetic
atomic displacements give rise to a highly non-equilibrium con-
centration of point defects and point defect clusters5. Over macro-
scopic length and time scales these defects can migrate and alter the
chemistry and microstructure, often inducing significant degrada-
tion of mechanical and other properties1,2. In metals, the main
features of neutron or ion beam irradiation-induced mechanical
behaviour can be summarized as2: (1) a sharp increase in yield stress
with irradiation dose; (2) the appearance of a yield point followed
by a yield drop in f.c.c. metals; and (3) an instability that results in
plastic flow localization within ‘dislocation channels’ and leads to
loss of ductility and premature failure. An example of flow localiza-
tion is shown in Fig. 1 (ref. 6). The transmission electron micro-
scopy image shows a channel where all visible irradiation-induced
point defect clusters are absent and where uniform large shear
(about 100%) has taken place. The channels are 100 to 200 nm wide.
Plastic flow localization is responsible for the observed loss of
ductility.

Early theories of irradiation hardening focused on various
source and dispersed barrier mechanisms7,8. Recently9,10, the
analytical cascade-induced source hardening (CISH) model
was proposed9,10. This model uses insights from molecular
dynamics simulations11–14 and accounts for some of the
recent experimental observations. In the model, it is postulated
that interstitial clusters produced in displacement cascades
form glissile dislocation loops that migrate in one dimension
by thermally activated glide, and decorate dislocations, thereby
pinning them. However, while this model provides a rational
explanation for the observed increase in yield stress, it does
not account for plastic flow localization and the development
of plastic instabilities.

Here we couple these experimental and atomistic simulation
results11–18 to a three-dimensional dislocation dynamics (DD)
simulation to investigate the relation between the irradiation field
and mechanical behaviour. We consider two cases, Cu and Pd,
which exhibit different damage morphologies under irradiation.
Experiments have shown that vacancy stacking-fault tetrahedra
(SFT) are the predominant defect type in low stacking fault
energy Cu6,19, whereas in high stacking fault energy Pd, self-inter-
stitial atom Frank sessile loops constitute the majority of observed
defects20,21. Our DD simulation box is a cube 5 mm in size that
contains an initial density of Frank–Read dislocation sources
distributed at random on {111} planes. In our DD simulation22–24,
the plastic deformation of a single crystal is obtained by explicit
accounting of the dislocation evolution history, that is, their motion
and structure.

The motion and interaction of an ensemble of dislocations in a
three-dimensional crystal is marched in time. Dislocations are
discretized into straight-line segments of mixed character. The
Peach–Koehler force F acting on a dislocation segment inside the
computational cell is calculated from the stress fields that are caused
by immediate neighbouring segments, all other dislocations seg-
ments, all defect clusters and the applied stress. The result is used to
advance the dislocation segment based on a linear mobility model,
vgi ¼ MgiFgi, where vgi is the glide velocity of the dislocation
segment, Mgi is the dislocation mobility, and Fgi is the glide
component of the Peach–Koehler force minus the Peierl’s friction.
On the basis of the history of dislocation motion, we obtain a
measure for the macroscopic plastic strain rate. To ensure con-
tinuity of dislocation lines across the boundaries, we apply reflec-
tion boundary conditions22. Due to the long-range character of the
dislocation stress field, long-range interactions are computed
explicitly22.

In the simulation, segments that are on the verge of experiencing
short-range interactions are identified. Based on a set of physical
rules, such reactions may result in the formation of junctions, jogs,
dipoles, and so on. The dislocations multiply by a variety of
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mechanisms that may involve superjog collisions25, standard
Frank–Read source multiplication, and double cross slip. Cross
slip is described as an activated process with probability P given by

P ¼ aΩ1dt exp 2
DW* 2 tA

kT

� �
for Ω1 ¼

Ctp

L

where Ω1 is the fundamental frequency of a vibrating dislocation
segment of length L, C t is the transverse sound velocity, dt is the
time increment, a is a numerical parameter controlling the fre-
quency of cross slip, DW* is the activation energy for cross-slip23, t
is the resolved shear stress, A is the area swept by the dislocation

segment that undergoes cross-slip, k is Boltzmann’s constant and T
is temperature.

The irradiation field is modelled by mapping into the DD box the
spatial distribution of defect clusters (SFT and/or Frank sessile
interstitial loops) that results from a particular irradiation fluence,
temperature and particle energy. At room temperature, typical
defect cluster radii are 0.5 to 3 nm and their density in the bulk,
rB, ranges from 1021–1024 m−3, depending on irradiation
fluence17,19,20. In the simulation, this translated into 100,000 to 2
million defect clusters. Following the CISH model9,10, Frank–Read
sources decorated along the dislocation line with defect clusters are

Figure 1 Defect-free channel in deformed irradiated Cu. Weak-beam dark-field
transmission electron microscope image shows defect-free channels formed during

deformation of Cu irradiated with 600-MeV protons5.

Figure 2 Molecular dynamics simulation of the interaction between an edge dislocation
and an overlapping, truncated vacancy stacking-fault tetrahedron (SFT) in Cu. a–c, 〈111〉
(top) and 〈110〉 (bottom) projections of high-energy atoms show the motion of two
Shockley partial dislocations on their {111} glide plane and their interaction with an
overlapping vacancy SFT at a 7.2, b 16.0 and c 16.8 ps after application of a 300-MPa

shear stress. A triangular vacancy platelet that is bounded by 〈110〉 directions forms a
single SFT. A triangular vacancy platelet bounded by two 〈110〉 and one 〈112〉 directions
forms two partial SFTs, one above and one below the initial plane; we define this as an
overlapping truncated SFT.
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also introduced into the DD simulation as described below.
Dislocation segments interact with the irradiation-induced defect

clusters. The elastic interaction of a moving dislocation with a defect
cluster (SFT or loop) can be obtained from elasticity theory.
However, elasticity calculations cannot by themselves determine
the fate of the defect cluster as it interacts with the moving
dislocation. To address this point, we have performed molecular
dynamics simulations of dislocation–SFT interactions. Figure 2
shows the results of a simulation involving 933,000 atoms at 100 K
in Cu. In this simulation, overlapping truncated SFTs (see Fig. 2
legend), such as formed by ageing displacement cascades17, with a
spacing of 8.5 nm (along the dislocation line direction 〈112〉) are
placed on the glide plane of a dissociated edge dislocation. The two
partial dislocations then move under an applied shear stress of
300 MPa. Figure 2a shows that upon contact, the leading partial
dislocation is initially pinned by the overlapping SFT. At a later
time, Fig. 2b, the leading partial dislocation absorbs part of the
overlapping SFT and climbs (clearly seen in 〈110〉 projection) as the
trailing partial dislocation approaches. Finally, in Fig. 2c, we show
that the trailing partial dislocation catches the leading partial
dislocation at the location of the overlapping SFT, constricts and
climbs by absorbing the remaining defect. Following absorption of
the SFT, the dislocation continues to move but with reduced
mobility as a result of the jogs that form on the constricted line
segment. Although this simulation clearly shows defect absorption,
the case is not unique and we are at present investigating the matrix
of possible interactions.

For Frank sessile dislocation loops (relevant to Pd), the elastic
interaction is computed explicitly26. Here the Frank sessile loop is
absorbed by the dislocation line if the loop ‘unfaults’ and becomes
glissile. We can calculate the energy difference27, DE, between the
faulted loop state and the unfaulted state (that is, a perfect loop),
taking into account the interaction energy between the dislocation
and the sweeping Shockley partials. When DE . 0, the critical
radius for loop unfaulting decreases and the loop may transform
from the faulted sessile to the unfaulted glissile configuration. When
the critical radius for unfaulting is reached, the loop gets absorbed at
the core of the dislocation and the dislocation is able to move.
Recently, atomistic simulations for interstitial loops consistent with
this model have been carried out28.

Figure 3 shows the stress–strain curves obtained with our DD

simulations for Cu irradiated to rB ¼ 8:24 3 1021 m 2 3, which
considering a uniform defect distribution, corresponds to a SFT
spacing of 50 nm. The initial network dislocation density is
rN ¼ 1012 m 2 2. Without irradiation the system yields at about
37 MPa, and work hardening starts at the early stage of deformation
as a result of dislocation multiplication and forest interactions.
When irradiation-induced defects are present, two behaviours are
seen. When the defect density along the line (rD) is such that the
average spacing is only 10 nm, that is, rD q rB, a clear yield point
followed by a yield drop can be observed. However, when the
average spacing between defects along the dislocation line is
30 nm, which is comparable to that in the bulk, the system yields
at a slightly higher stress and only a very diffuse yield drop is
apparent. This is in good agreement with experiments5 which show
that the observed yield drop disappears at elevated doses where
rD < rB. The dose dependence of the yield stress obtained in our
DD simulations of irradiated Pd (for more details see ref. 29), where
all the irradiation-induced defect clusters are Frank sessile disloca-
tion loops, has a slope of 0.35, which is in excellent agreement with
experimental observations21.

Figure 3 Dislocation dynamics (DD) results of stress–strain curves. Shown are the
stress–strain curves obtained with our DD simulations for Cu irradiated to
rB ¼ 8:24 3 1021 m2 3. Without irradiation the system yields at about 37 MPa. When
the defect density along the line (rD) is such that rD q rB, a clear yield point followed by a
yield drop can be observed. However, when the average spacing between defects along
the dislocation line is 30 nm, which is comparable to that in the bulk, the system yields at a
slightly higher stress and only a very diffuse yield drop is apparent.

Figure 4 Dislocation dynamics results of channel formation and flow localization.
a, Results of DD simulation in Cu irradiated to rB ¼ 8:24 3 1021 m2 3 with an initial
network dislocation density of rN ¼ 1012 m2 2. Shown is the 10-mm side computational
cell containing the dislocations and point defects with defect-free channels. b, Two-
dimensional projection of a.
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Figure 4a and its projection into two dimensions (Fig. 4b) show
the results of our simulations in Cu where cross-slip/double cross-
slip takes place and irradiation-induced SFT defects are absorbed by
sweeping dislocations based on the criterion discussed above.
Figure 4 shows localization of plastic flow in defect-free channels.
The channel width is approximately 200 nm with a channel spacing
of 1,000 nm in agreement with experimental observations1. Exami-
nation of the simulation results reveals that the mechanism of
channel formation can be described as follows. As dislocations
propagate from a Frank–Read source, a screw dislocation segment
may be pinned by the defects and eventually cross slip from its
primary plane as the stress is increased. This is followed by double
cross-slip of the segment, creating a new dislocation source on a
parallel plane. This process continues with dislocation segments
cross-slipping progressively from one glide plane to another, result-
ing in a set of parallel planes with active dislocations (the spacing
between each pair of planes varies between 25 and 50 nm). Even-
tually, spreading of the band is limited by the interaction between
segments of opposite sign that, in concert with the defects, exerts a
backstress on those segments attempting to cross-slip. However, the
process is continuous with dislocations being emitted from the
same original single source, cross-slipping to adjacent planes and so
on, resulting in a large local shear strain (about 100%) in the band.
The spacing between the channels is a stochastic variable deter-
mined by the spatial distribution of dislocation sources. M
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The noble gases have a particularly stable electronic configura-
tion, comprising fully filled s and p valence orbitals. This makes
these elements relatively non-reactive, and they exist at room
temperature as monatomic gases. Pauling predicted1 in 1933 that
the heavier noble gases, whose valence electrons are screened by
core electrons and thus less strongly bound, could form stable
molecules. This prediction was verified in 1962 by the preparation
of xenon hexafluoroplatinate, XePtF6, the first compound to
contain a noble-gas atom2,3. Since then, a range of different
compounds containing radon, xenon and krypton have been
theoretically anticipated and prepared4–8. Although the lighter
noble gases neon, helium and argon are also expected to be
reactive under suitable conditions9,10, they remain the last three
long-lived elements of the periodic table for which no stable
compound is known. Here we report that the photolysis of
hydrogen fluoride in a solid argon matrix leads to the formation
of argon fluorohydride (HArF), which we have identified by
probing the shift in the position of vibrational bands on isotopic
substitution using infrared spectroscopy. Extensive ab initio
calculations indicate that HArF is intrinsically stable, owing to
significant ionic and covalent contributions to its bonding, thus
confirming computational predictions11–13 that argon should form
a stable hydride species with properties similar to those of the
analogous xenon and krypton compounds reported before14–18.

We prepared hydrogen fluoride in an argon matrix by passing
argon over an HF–pyridine polymer (Fluka) at room temperature,
and condensing the mixture onto a CsI substrate kept at 7.5 K. The
argon used was either 40Ar (100%; AGA) or 36Ar (99.5% isotopically
enriched; ICON Services). By optimizing the experimental condi-
tions, fairly monomeric samples of HF were obtained in the matrix
(infrared bands corresponding to H–F stretching vibrations were
found at nHF = 3,962 and 3,954 cm−1; nDF = 2,895 cm−1), as evidenced
by comparison with previous HF/Ar matrix-isolation studies19. A
very high degree of deuteration (. 90%) was achieved by passing
the gaseous HF/Ar mixture through a volume containing small
amounts of liquid deuterated sulphuric acid.

Photolysis of the HF was performed by illuminating the HF/Ar
matrix (through a MgF2 window) with a Kr vacuum-ultraviolet
continuum discharge lamp (Opthos), which emitted in the
spectral region of 127–160 nm wavelength. Typically, only a fraction
(, 30%) of HF dissociated when this light source was used, even
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